2
We are currently facing daily increased energy demand and decreased energy reserves.
Tremendous effort has thus been devoted towards high-performance electrical/electrochemical energy-storage devices with both high power and high energy densities. [1] [2] [3] [4] [5] [6] Widely studied as photocatalysts and dye-sensitized solar cell electrode, [7] [8] [9] [10] [11] titanium dioxide (TiO2) has also been studied as an anode material for lithium ion batteries. [12] [13] [14] [15] [16] [17] The diffusivity of Li in TiO2 mostly depends on two major transport processes: the electronic conductivity and the Li + diffusivity. 18 However, only a thin surface layer of the host material is available for Li intercalation at high charging-discharging rates for bulk materials due to the low Li + ion diffusion coefficient (10 -11 -10 -13 cm 2 s -1 ) 15 and the low electronic conductivity (10 -4 S·cm −1 ) 19 in the solid phase ( Figure 1A ).
Decreasing the particle size into the nanometer-regime shortens the lithium diffusion length requirements, alters the electrochemical reactions and reactivity to Li and can increase the accessible volume to near-full capacity if the particle size is small enough ( Figure 1B ). [20] [21] [22] The size reduction, along with unique morphologies, leads to increased capacity beyond 0. 5 Li per unit formula due to the surface-confined charge storage and different Li-reaction mechanisms from that in the bulk materials. 18 The reduction of the TiO2 particle size, increase of high porosity and surface area are important to improve Li + diffusion due to the shorter Li + -diffusion length for filling the particles, interfacial (surface) Li storage. 18 However, so far, the rate performance of TiO2 nanocrystalline electrode is still far from satisfactory.
3 Here we develop two important contributions to help break this bottleneck. First, we create an amorphized non-stoichiometric outer layer on the nanocrystalline stoichiometric core to relieve the lattice distortion and to maintain the capacity retention during the Li + ion insertion/extraction process. In this layer, the overlap of the titanium and oxygen orbitals decreases, and the interaction between the transferred charge Li + and the host matrix becomes weaker. This will lead to an easier charge transport within the disordered layer ( Figure 1C ). Second, we create a built-in 4 electric field (BIEF) across the interface between the amorphized non-stoichiometric outer layer and the nanocrystalline stoichiometric core within the TiO2 nanocrystals. This will facilitate the Li + ion in both insertion/extraction processes due to the BIEF. In order to realize this, we first create oxygen vacancy in the disordered layer. This will result TiO2-x, a well-known n-type semiconductor. 8, [23] [24] [25] Second, we keep the crystalline core with the stoichiometric formula of TiO2, an typical i-type semiconductor. 23, 25 Together, the TiO2-x/TiO2 shell/core will form an n-i heterojunction in the disordered/crystalline interface. 25 This will induce a BIEF across the interface. The direction of the BIEF will point to the core from the outer layer. Under this electric field, Li + diffusion will become much easier during the lithium discharge process, helping the Li + insertion ( Figure D ). Once Li + has been fully inserted or discharged into the nanocrystal, the core will become LiyTiO2, a presumably intrinsic semiconductor. The disordered layer will take much less Li + due to the existence of oxygen vacancy, and become Liy-2x-δTiO2-x, a relative ptype semiconductor to LiyTiO2. Again, this will form a new BIEF in the core/shell interface. The direction of the BIEF will point out to the disordered layer from the crystalline core. This will facilitate the Li + transport from the core to the shell, helping Li + extraction in the charge process ( Figure 1E ). Meanwhile, the movements of the electrons are less favored under the BIEF. As the electron diffusion coefficients are a few magnitudes higher than that of Li + , it would only induce smaller increase of electron diffusion resistance, and gain a large reduction in the Li + diffusion resistance. Overall, the charge transport resistance will be largely lowered in this structure. If this proposed mechanism is proven to be valid, this mechanism and thus the current study will open a new concept for the lithium ion rechargeable battery research towards high-power applications. The BIEF assisted surface-amorphized titania nanocrystals (SATNCs) were obtained as follows. First, titinia nanocrystals (TNCs) were synthesized from a precursor solution consisting of titanium tetraisopropoxide, ethanol, hydrochloric acid, deionized water, and a polymer template, Pluronic F127. The solution was dried at 110 °C and the resulted powders were calcinated in air at 500 °C for 6 hours to remove the polymer template and to enhance their crystallization. 9, 26 The BIEF assisted SATNCs nanoparticles were obtained through a high-temperature vacuum process by placing the TNCs in a vacuum chamber at 500 o C for 4 hours.
The key feature of this process was to create oxygen-vacancy adequate amorphous layer TiO 2-x on the surface, to effectively create the BIEF between the crystalline stoichiometric TiO2 core and the oxygen-vacancy adequate amorphous layer TiO 2-x shell. To directly view the formation of the disordered layer on the surface, we performed transmission electron microscopy (TEM) studies on both samples (Figure 2 ). The TEM study was performed on a FEI Tecnai F20 TEM. Figure 2F ), suggesting that the SATNCs probably also contained amorphous or disordered phases, 27, 28 consistent with the HRTEM observation ( Figure 2E ).
Strong diffraction peaks in powder X-ray diffraction (PXRD) patterns suggested that both the TNCs and SATNCs had highly crystalline anatase phases ( Figure S1A ). The PXRD was performed on a Rigaku Miniflex PXRD machine with Cu Kα as the X-ray sources (wavelength = 1.5418 Å) and the 2-theta range was from 15º to 80º. The particle sizes estimated with the Scherrer equation 29, 30 were similar, around 11 nm for both TNCs and SATNCs. We also studied the structural features of TNCs and SATNCs using Raman spectroscopy. The Raman spectra were collected on an EZRaman-N benchtop Raman spectrometer. The Raman spectrometer was equipped with a 300 mW diode laser and the excitation wavelength was 785 nm. The spectrum range was from 100 cm -1 to 3100 cm -1 . The spectrum was averaged over three measurements to improve the signal-to-noise ratio. Raman spectra showed a very weak peak around 147.9 cm -1 (Eg) and a large luminescence background for the SATNCs, compared to strong highly crystalline anatase vibrational modes at 145.7 cm -1 (Eg), 199.1 cm -1 (Eg), 397.8 cm -1 (B1g), 519.2 cm -1 (A1g + B1g), and 641.6 cm -1 (Eg) for the TNCs ( Figure S1B ). 9, 29, 30 This suggested an amorphous or disordered phase existed in SATNCs, likely on the outer layers, as the Raman is more sensitive to the surface structure than the XRD. 9, 29, 30 To see if oxygen vacancy was successfully created in the SATNCs, we measured the electron spin spectra (ESR) of both samples. The ESR spectra were collected on a Benchtop Micro-ESR TM machine, at a microwave frequency of 9.70 GHz at room temperature without light irradiation. The ESR data were calibrated in relation to g = 2.0066 of 2,2,6,6-tetramethyl-4-hydroxylpiperidine-1-oxyl. The scanning time was 30 s per sweep, and the spectrum was averaged after 30 sweeps. Quartz ESR tubes with an inner diameter of about 5.8 mm was used.
The creation of oxygen vacancy was seen from the strong signal at g=2.004 ( Figure 2G ). 31 It is known that oxygen vacancies can be created by heating TiO2 under ultra-high vacuum environment at high temperatures above normally 600 o C. 23 The creation of oxygen vacancy in these TiO2 nanocrystals at low vacuum levels and low temperature could be related to the reduced energies required to remove the oxygen from the lattice due to the nanoscale thermodynamic effect. 32, 33 We also studied the surface chemical bonding and valence band information of the samples with X-ray photoelectron spectroscopy (XPS) on a PHI 5400 XPS system equipped with a conventional (non-monochromatic) Al anode X-ray source with Kα radiation. Small amount of TiO 2 nanocrystals were pressed onto conductive carbon tape for XPS measurements. The binding energies from the samples were calibrated, with respect to the C 1s peak, from the carbon tape at 284.6 eV. The difference in the OH or Ti 3+ contents of the TNCs and SATNCs could be generally ignored as seen from the almost identical O 1s and Ti 2p X-ray photoelectron spectra (XPS) ( Figures 2H and 2I ). In addition, the XPS surveys of both samples did not find other differences species as well ( Figure S2 ). The location of the oxygen vacancy was more likely in the disordered outer layer, when considering the highly crystalline phases were almost identical and large structural alteration was observed in this layer. The formation of the amorphous phases could be attributed to the lattice relaxation or reorganization after the possible oxygen vacancy formation in the vacuum treatment under high temperature. The interfacial charge transfer resistance (Rd) between the amorphized surface layers and the bulk for the SATNCs (8.0 Ω) was slightly higher than that for the TNCs (2.2 Ω), accompanied with its space charge capacitance increase to 5.4 × 10 -6 F from 1.1 × 10 -6 F. This indicated that lower charge capacitance or accumulation (C1, C2 and Cd) at the interface led to lower charge transfer resistance (R1, R2 and Rd), or the breakdown of the formation of charge accumulation in these interfaces could reduce charge transfer resistance, possibly due to the better adsorption and penetration into the amorphous layer. The higher space charge capacitance (Cd) at the amorphized/crystalline interface hinted the accumulation of the charge and the formation of the n-i heterojunction and the BIEF as illustrated in Figure 1D . The charge transport/diffusion resistance (Wo-R) in the SATNC electrode was much smaller (82.6 Ω) than that in TNC electrode (1287 Ω), further verifying the existence and the benefit of the BIEF on the charge transport. As the charge transport process was limited mainly by the most reluctant bulk diffusion in the electrode, the much smaller resistance (Wo-R) in the SATNC electrode induced much better rate performance. Overall, the charge accumulation layer at the interfaces was breakdown for charge transfer due to breakdown of the charge accumulation, and the charge transport resistance in the bulk was large reduced due to the driving force of the BIEF from the amorphized/crystalline interface, so the lithium ion battery performance was expected to be largely improved.
To validate our proposed approach, we tested the performance of made of SATNC and TNC electrodes in the half-cell configuration. 35, 36 The preparation of the TiO 2 electrodes was conducted in an argon-filled glove box. The electrode mixture (82 wt% TiO 2 , 8 wt% acetylene black and 10 wt% polyvinylidene fluoride) was steadily dispersed in N-methylpyrrolidone using a Polytron PT10-35 homogenizer at 2700 rpm for 30 minutes. The slurry was cast on a battery-grade copper sheet using a doctor blade. After being dried overnight, the electrodes were punched to 1/2" discs and dried in vacuo at 110°C overnight before being assembled into coin cells. higher than that of the TNCs (162 mAh/g and 138 mAh/g), respectively. After 500 charge/discharge cycles, the discharge capacity of the SATNCs was 131 mAh/g at 1C rate, 40 .9% higher than that of the TNCs (93 mAh/g). For the first 50 charge/discharge cycles, the discharge capacity of the TNCs rapidly decreased and then increased quickly and then decreased slowly in the following cycles, while the discharge capacity of the SATNCs decreased very slightly ( Figure 4B ). Overall, the SATNCs showed around 40% improved discharge capacity over the crystalline TNCs. Besides the larger charge/discharge capacity at various cycles, the SATNCs showed larger charge/discharge plateaus and smaller potential difference between the charge and discharge cycle. For example, the potential difference between the first charge and discharge cycle of the
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SATNCs was about 0.11 V, 42.1% smaller than that of the TNCs (about 0.19 V) ( Figures 4C and   4D ). This smaller potential difference indicated the decreased charge transfer resistance and the larger charge/discharge plateaus suggest that the smoother charge transport and larger charge transport depth in the SATNCs.
Better discharge efficiency was also observed for the SATNCs over the TNCs in the 500 cycles test. The TNCs showed a quick drop of the discharge efficiency in the initial stage followed by a climb-up to the efficiency of around 99.6% after the first 50 cycles which was steady afterward for the remaining 450 cycles ( Figure S3 ). The SATNCs showed a rapid climb in the initial few cycles to the efficiency of around 99.9% which was steady afterward for the remaining 500 cycles. A closer look at the first 20 cycles revealed that the discharge efficiency of the SATNCs increased steadily to the maximum within the first 4 cycles and followed with steady maximum efficiency in the next 16 cycles, while the discharge efficiency increased with large fluctuation for the TNCs in the first four cycles followed by slight decrease in the next 16
cycles. This smaller fluctuation could be due to a better structural accommodation of the lithium ions during the charge/discharge process in the reconstructed surface disordered layer in the SATNCs.
The SATNCs showed much better rate performance over the TNCs. The capacity of SATNCs was 175 mAh/g at 1C, 164 mAh/g at 10C, and 120 mAh/g at 50C, 11%, 56% and 243% higher than that of TNCs at the same conditions (Figures 5A). At the higher rate, 50C, the improvement was more apparent for the SATNCs over the TNCs. To reach certain capacity level, the SATNCs sustained much higher rate than crystalline TNCs. It took less than 3 min (> 20C) to charge the SATNCs to 156 mAh/g capacity, but it took around 1 hour to charge NTCs (Figures 5A and   Table S1 ). Thus, the charging rate of the SATNCs was 20 times that of TNCs. The higher rate performance was possibly due to the lower lithium ion transport resistance as revealed by the EIS results in the charging and discharging processes in the SATNCs. This was in agreement with previous findings on the higher lithium ion capacities and capacity retention of amorphous over TNCs nanotubes. We further compared their galvanostatic charge/discharge profiles at various charging rates ( Figures 5B and 5C ). The SATNCs showed higher capacity and larger charge/discharge plateaus over the TNCs at each charging rate. The larger charge/discharge plateaus indicated that the smoother charge transport in the disordered layer was due to the weaker chemical bonding between the host matrix and the transferred charges. We also tested the rate performance of the TNCs and the SATNCs when the charge/discharge rates were varied at the same time. The
SATNCs outperformed the TNCs ( Figure S4 and Table S2 ). For example, the capacity of SATNCs at 50C was 370% higher than that of TNCs at the same conditions. To reach 150 mAh/g capacity, it took around 1 hour (1C) to charge with crystalline TiO2, but less than 30 min (> 2C) for SATNCs.
To understand why SATNCs had better performance than TNCs, we compared their galvanostatic charge/discharge profiles at rate 20C ( Figure 5D ). The discharge curve for the nanoporous anatase electrode was divided into three different voltage regions: [38] [39] [40] 
SYNOPSIS
Surface-amorphized TiO2 nanocrystals (SATNCs) benefited from the built-in electric field (BIEF) within the nanocrystals greatly improve lithium ion rechargeable battery performances:
20 times rate and 340% capacity improvements, over crystalline TiO2 nanocrystals (TNCs), due to the reduced lithium ion diffusion resistance in both charge and discharge processes. 
